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Abstract—We systematically investigate stress–strain behavior of ferrite and bainite with nano-sized vanadium carbides in low carbon steels; the
ferrite samples were obtained through austenite/ferrite transformation accompanied with interphase precipitation and the bainite samples were
via austenite/bainite transformation with subsequent aging. The stress–strain curves of both samples share several common features, i.e. high yield
stress, relatively low work hardening and sufficient tensile elongation. Strengthening contributions from solute atoms, grain boundaries, dislocations
and precipitates are calculated based on the structural parameters, and the calculation result is compared with the experimentally-obtained yield
stress. The contributions from solute atoms and grain boundaries are simply additive, whereas those from dislocations and precipitates should be
treated by taking the square root of the sum of the squares of two values. Nano-sized carbides may act as sites for dislocation multiplication in
the early stage of deformation, while they may enhance dislocation annihilation in the later stage of deformation. Such enhanced dynamic recovery
might be the reason for a relatively large elongation in both ferrite and bainite samples.
� 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Strength and other mechanical properties of metals and
alloys are designed by controlling lattice defects in crystals.
Crystal defects that affect the mechanical properties of
materials are mainly dislocations, solute atoms, precipitates
and grain boundaries, all of which generally act as obstacles
for dislocation movement during deformation at relatively
low temperature, leading to an increase in strength of
materials. Strengthening by dislocations, solute atoms, pre-
cipitates and grain boundaries are termed dislocation
strengthening, solid solution strengthening, precipitation
strengthening and grain boundary strengthening, respec-
tively. Among these strengthening mechanisms, much
attention has recently been paid to precipitation strength-
ening in steel production.

It is well known that precipitation strengthening by unde-
formable hard particles increases inversely proportional to
http://dx.doi.org/10.1016/j.actamat.2014.10.010
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the average inter-particle spacing, according to the Orowan
mechanism [1]:

sppt /
Gb
L
ðMPaÞ ð1Þ

where sppt is the contribution from precipitation strength-
ening in shear stress, G is the shear modulus, b is the
Burgers vector and L is the inter-particle spacing. Note that
the inter-particle spacing L is an increasing function against
the average radius of particles or a decreasing function
against the volume fraction of particles [2] (see also Eq. (15)
in this paper). In other words, a decrease in average size or
an increase in volume fraction of particles leads to an increase
in precipitation strengthening in the Orowan-type precipi-
tation strengthening. However, too much addition of
expensive alloying elements to obtain high volume fraction
of particles unwantedly results in a significant increase in
the production cost. Therefore, dispersion of nano-sized
precipitates, or nano-precipitation (see e.g. Refs. [3,4]), is
a promising strategy to maximize precipitation strengthen-
ing with minimizing the addition of alloying elements. This
is one of the main reasons why nano-precipitation has
reserved.
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recently received much attention in the production of high-
strength steels.

In carbon steels containing strong carbide-forming ele-
ments, such as niobium, titanium and vanadium, nano-sized
alloy carbides can be formed and dispersed into the matrix
during heat treatments, either by interphase precipitation
or by tempering of martensite and bainite. In interphase pre-
cipitation [5–9], nano-sized alloy carbides are nucleated on
austenite/ferrite interfaces during ferrite transformation
from austenite, typically leaving a periodic array of alloy car-
bides in the ferrite. One of the advantages of interphase pre-
cipitation is that high-strength ferrite steels can be produced
directly during cooling from austenite at high temperature,
so that subsequent heat treatment is not necessary, i.e. heat
treatment cost can be reduced, unlike quenched martensite
steels that require tempering. Low and medium carbon steels
with interphase precipitated carbides are known to show
high strength and good formability, so that such steels have
been in practical use, mainly as automobile body parts
[10–13]. On the other hand, high-temperature tempering of
martensite or bainite in alloy steels can also produce precip-
itation of nano-sized alloy carbides, leading to an increase in
strength during tempering, which is called secondary hard-
ening [14–19]. Secondary hardened martensite or bainite
steels have also been used widely in industrial applications,
such as tool and die steels or automobile products, because
of its ultrahigh strength and sufficient toughness.

Although steels containing nano-sized alloy carbides
have widely been used in commercial applications, the effect
of nano-sized alloy carbides on mechanical properties is
still unclear. This study will focus on the effect of nano-
sized carbides on strength and ductility in different ferrite
matrices. Fig. 1 schematically shows microstructures
obtained by interphase precipitation (a), and by aging of
martensite or bainite (b), both containing nano-sized alloy
carbides. In interphase precipitation (Fig. 1a), nano-sized
carbides are precipitated in the matrix of polygonal ferrites
with a low density of dislocations. On the other hand, in
aging of martensite or bainite (Fig. 1b), nano-sized carbides
Fig. 1. Schematic illustration of microstructures obtained by inter-
phase precipitation (a) or by aging of martensite or bainite (b).
are dispersed in elongated martensite lathes or bainitic
ferrites with high density of dislocations. The effect of
nano-sized alloy carbides on the mechanical properties of
materials could be different between these two cases, but
details are not yet understood very well.

In the present study, therefore, ferrite and bainite struc-
tures with nano-sized carbides are prepared using a low car-
bon steel containing a small amount of vanadium. Uniaxial
tensile tests are systematically carried out at room temper-
ature, and the effect of nano-precipitates on yield stress,
work hardening and ductility is discussed in detail.
2. Experimental

A low carbon steel with a chemical composition of Fe–
0.10C–0.22Si–0.83Mn–0.014P–0.014S –0.003 N–0.001Ti–
0.288V (in mass%) was used in the present study. From
thermodynamic calculation by Thermo-Calc software, the
following temperatures were obtained: vanadium carbide
(VC) solution temperature of 1077 �C, Ae3 temperature of
852 �C and Ae1 temperature of 713 �C in para-equilibrium.
A cast ingot of the steel prepared by vacuum melting was
hot-rolled at the finish rolling temperature of �940 �C.
Hot-rolled samples were homogenized in Ar atmosphere
at 1180 �C for 24 h, and were used as starting materials.
The starting materials were heat-treated in a vacuum fur-
nace at 1200 �C for 600 s for austenitization and solution
treatment, and immediately isothermally transformed at
690 �C or 600 �C in a salt bath for different holding periods
in the range from 20 s to 172.8 ks (48 h), followed by water
quenching. The isothermal treatment temperature of
690 �C was chosen to obtain ferrite structure with inter-
phase precipitation of nano-sized VC particles, while the
temperature of 600 �C was chosen to obtain bainite struc-
ture with precipitation of VC particles by aging.

Microstructures of the obtained samples were character-
ized by optical microscopy, electron backscatter diffraction
(EBSD) in a scanning electron microscope (SEM) and
transmission electron microscopy (TEM). Longitudinal
sections perpendicular to transverse direction (TD) (TD
planes), including rolling direction (RD) and normal direc-
tion (ND), of the hot-rolled sheets were prepared for the
observations. For optical microscopy and EBSD measure-
ments, TD planes were mechanically polished by SiC emery
papers, diamond paste and then colloidal silica to obtain
mirror surfaces, followed by etching in a solution of 3
vol.% HNO3 (nitric acid) + 97 vol.% C2H5OH (ethanol).
EBSD measurements were carried out in an FEI Quanta
3D SEM using a program TSL OIM Dara Correction.
The obtained data were analyzed using a program TSL
OIM Analysis. For TEM observations, thin foils parallel
to TD planes were mechanically polished by SiC emery
papers and then electro-polished in a solution of 10 vol.%
HClO4 (perchloric acid) + 90 vol.% C2H5OH (ethanol) at
�15 �C at a voltage of 40 V. Conventional bright field
(BF) and dark field (DF) images were taken by an FEI
CM300 TEM operating at 300 kV. Dislocation density in
the samples was determined from TEM images taken under
multi-beam diffraction conditions to reveal all dislocations,
where the thickness of the TEM foils was measured by the
convergent beam electron diffraction technique. High
resolution TEM observation was also carried out in an
FEI Titan 300 operating at 300 kV, to observe atomic
structures of ferrite matrix and precipitates.



N. Kamikawa et al. / Acta Materialia 83 (2015) 383–396 385
To quantify the VC particle size, dark field TEM obser-
vation was applied for VC particles. It is well known that
VC particles with the sodium chloride (NaCl) type (or
B1-type) structure generally precipitate in the body cen-
tered cubic (bcc) ferrite (a) matrix with the Baker–Nutting
relationship [20] described as

ð100ÞVC==ð100Þa
½010�VC==½011�a

ð2Þ

In the Baker–Nutting orientation relationship, there are
three possible variants to be precipitated. In precipitation
by aging, all of three variants would be possible, while in
interphase precipitation only one variant of alloy carbide,
whose {100}VC habit plane is nearly parallel to the austen-
ite/ferrite interface, preferentially forms [5]. To highlight
the VC particles in the DF imaging mode, the incident
beam direction was set almost parallel to [001] of ferrite
matrix, and dark field images were taken under a diffraction
condition of g* = 200VC. From the obtained dark field
images, the average diameter of VC particles was measured.
Assuming that VC particles have a morphology of oblate
spheroid with the habit plane parallel to the [100] plane
of ferrite, the volume of oblate spheroid was calculated.
The diameter of the VC particle was defined as a diameter
of sphere that has the same volume as the oblate spheroid.
The experimental details of TEM observation and particle
size determination are described elsewhere [21,22].

The serial sectioning method using a field-emission (FE)
SEM equipped with a focused ion beam (FIB) system was
applied to reconstruct three-dimensional (3-D) images of
interphase precipitation of VC particles. A characteristic
feature of the FIB/FE-SEM dual-beam microscope used
in this study is an orthogonal arrangement of FIB and
FE-SEM optics, by which high-resolution SEM images
with uniform background intensity can be obtained [23].
The slice step of FIB sectioning was 5 nm, and SEM images
were taken at an acceleration voltage of 1 kV with an
in-lens detector. The SEM images obtained by serial sec-
tioning were three-dimensionally reconstructed by a com-
mercial software package Avizo.
Fig. 2. Optical microstructures of the samples isothermally transformed at 69
10 h and (f) 48 h.
Mechanical properties of the samples were evaluated by
the Vickers hardness test and tensile test at room tempera-
ture. Hardness tests were carried out using a Matsuzawa
MHT-1 hardness tester at a load of 1 kgf for a holding per-
iod of 15 s. At least 10 hardness values were obtained and
averaged. To obtain stress–strain curves, tensile tests were
carried out at room temperature. Tensile specimens with
a gauge length of 10 mm, a gauge width of 5 mm and a
thickness of 1 mm were prepared with the tensile axis
parallel to thte RD of the hot-rolled sheets. Tensile tests
were carried out using Shimadzu AG-5000B at a constant
crosshead speed of 0.5 mm min�1, corresponding to an ini-
tial strain rate of 8.3 � 10�4 s�1. Tensile elongations were
determined by a clip-on extensometer.
3. Results

3.1. Microstructural characterization

In this work, two different series of heat treatments were
carried out after austenitization at 1200 �C: (i) isothermal
transformation treatment at 690 �C to obtain ferrite struc-
tures and (ii) isothermal transformation treatment at
600 �C to obtain bainite structures. For each condition,
microstructures were characterized by optical microscopy,
EBSD and TEM.

3.1.1. Ferrite transformation with interphase precipitation
3.1.1.1. Optical microstructures. Fig. 2 shows the

optical microstructures of the samples transformed at
690 �C. By holding for 20 s (Fig. 2a), polygonal or allotrio-
morphic ferrites are nucleated mainly at austenite grain
boundaries. The volume fraction of ferrite increases with
increasing the holding period, and the ferrite transforma-
tion is almost completed after the holding for 300 s
(Fig. 2c). Note that pearlite structure can be seen in this
300 s holding sample, and cementites in the pearlite are
spheroidized for longer-time holding above 10 h. However,
the volume fraction of the cementite structure is determined
0 �C for different holding periods: (a) 20 s, (b) 60 s, (c) 300 s, (d) 3 h, (e)



Fig. 3. Bright field TEM image of the sample isothermally trans-
formed at 690 �C for 300 s, showing periodic sheets on which
vanadium carbides are dispersed.

Fig. 4. 3-D view of the microstructure of the sample isothermally
transformed at 690 �C for 300 s. A series of the SEM images has been
taken by the serial sectioning method, and a 3-D image with a volume
of 1 lm � 1 lm � 1 lm has been constructed. In the image, the VC
particles are denoted by dark contrast while the ferrite matrix is
transparent.
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to be as small as �1%, and therefore it can be assumed that
the effect of such pearlite formation on the mechanical
properties is negligible. EBSD measurements were carried
out for the samples transformed by 300 s and 48 h holding,
and the average ferrite grain size was determined to be
�29 lm for both cases, where boundaries with misorienta-
tion angles above 2� were taken into account for the grain
size determination. This indicates that there was no signif-
icant grain growth of ferrite during long-time holding until
48 h.

3.1.1.2. TEM structures. Precipitation structures of the
sample transformed by 300 s holding were observed by
TEM, in which the ferrite transformation has almost com-
pleted. Fig. 3 is a bright field image of the sample, showing
a periodic array of fine VC particles, which is typical of
interphase precipitation alloy carbides. The average sheet
spacing of VC interphase precipitation was measured to
be �20–30 nm in this sample. A 3-D image reconstruction
method using the FIB/FE-SEM technique has also con-
firmed that VC particles are distributed on sheets in the
three dimensions. Fig. 4 demonstrates one example of the
reconstructed image, which is an edge-on view of interphase
precipitation sheets, i.e. the sheet plane is almost parallel to
the observation direction. The periodic sheets of VC parti-
cles can be observed indeed, although the precipitation
sheets are not completely flat but slightly curved. Note that
such characteristic sheet-like morphology is not always
formed in interphase precipitation, but in many cases
nano-precipitates are distributed randomly. This tendency
has been verified by 3-D atom probe tomography [24],
where both sheet-like and random distribution of alloy car-
bides have been observed in the interphase precipitation of
VC in a low carbon steel, suggesting that whether precipi-
tation morphology becomes sheet-like or random strongly
depends on the crystallographic characteristics of interfaces
between parent austenite and transformed ferrite. Anyway,
the above observation clearly proves that ferrite transfor-
mation accompanied with interphase precipitation of VC
particles occurred in the isothermal holding at 690 �C, lead-
ing to a ferrite single phase structure with nano-sized VC
particles.

High resolution TEM observation has also been carried
out for this sample to reveal the crystal structures of ferrite
matrix and VC particles. Fig. 5a shows a representative
high resolution TEM image of a VC particle precipitated
in the ferrite matrix. This image was taken under the con-
dition where the incident beam was aligned to [001] of fer-
rite matrix. The indexing of the diffractogram obtained by
fast Fourier transformation (FFT) of the image (Fig. 5b)
confirms that [200]a is parallel to [200]VC and [020]a is par-
allel to [022]VC, i.e. the Baker–Nutting orientation relation-
ship has been established. Since the habit plane of VC is
(1 00)VC, 3-D morphology of VC is disk-shaped, and
Fig. 5a corresponds to an edge-on view of a disk-shaped
particle.

To quantify the diameter of VC particles, dark field
images were taken by conventional TEM for samples trans-
formed at 690 �C, under a diffraction condition of
g* = 200VC in Fig. 6. Nano-sized VC particles are observed
in the holding time of 300 s (Fig. 6a). The average diameter
of the VC particles is determined to be 4.5 nm for this con-
dition. The carbide size increases with increasing the hold-
ing period at 690 �C, and the average diameter becomes as
large as 13 nm after 48 h holding (Fig. 6b and c). Variant
analysis has been carried out for these samples by using
the method described in Refs. [21,22], and it has been con-
firmed that one variant among three possible variants of
VC is dominant in all cases, corresponding well with the
previous reports [5,22].

3.2.1. Bainite transformation and subsequent aging
3.2.1.1. Optical microstructures. Optical observation

was also carried out for samples transformed at 600 �C
after different holding periods (Fig. 7). In the 20 s holding
sample (Fig. 7a), although some equiaxed ferrite grains
can be observed at austenite grain boundaries, lath-shaped
bainitic ferrites are formed in the majority of the sample.
The fraction of bainitic ferrites increases with increasing
the holding period (Fig. 7b and c), and the holding for
3 h almost completes the transformation. As for the
690 �C holding, a small amount of pearlite structure can



Fig. 5. High resolution TEM image (a) and corresponding diffracto-
gram obtained by FFT (b) of the sample isothermally transformed at
690 �C for 300 s. The image was taken under a beam condition parallel
to [001] of ferrite matrix.
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be observed after 3 h holding (Fig. 7d), but the volume frac-
tion is negligibly small. Further holding leads to the sphero-
idization of pearlites (Fig. 7e and f).

3.2.1.2. TEM microstructures. Fig. 8 shows a micro-
structure of the sample transformed after 300 s, which is a
mixture of bainite structure and a small amount of martens-
ite that had been untransformed austenite before quenching
(see Fig. 7c). Fig. 8a is a relatively low-magnification image,
Fig. 6. Dark field TEM images of the samples isothermally transformed at 6
images were taken under a diffraction condition of g* = 200VC.
clearly showing a mixture of bainite structure (white con-
trast) and martensite structure (black contrast). Fig. 8b is
a higher-magnification image of bainite structure region,
which is characterized by lath-shaped bainitic ferrites with
a high density of dislocations. These TEM images together
with the optical microscopy images in Fig. 7 clearly confirm
that the transformation at 600 �C led to bainitic transforma-
tion in this sample. Similar microstructural characteristics
were observed in the bainitic ferrite regions of the samples
transformed for a longer period until 48 h. The average
width of bainitic lathes was measured to be �1 lm, and
the dislocation density inside the bainitic ferrites was mea-
sured to be 1.2–1.6 � 1014 m�2 in all cases.

Precipitation structures within bainitic ferrites were
observed by the dark field imaging method. Dark field
TEM images in Fig. 9 were taken under a diffraction con-
dition of g* = 200VC (//200a-Fe). There is no precipitate
observed after 300 s holding (Fig. 9a). An additional obser-
vation was carried out under the diffraction condition of
g* = 200VC (//020a�Fe), but no precipitate was observed
in this condition. Therefore, it seems that carbon and vana-
dium atoms are still supersaturated in the bainitic ferrite
matrix after the 300 s holding. However, a prolonged hold-
ing for 3 h or a longer period leads to a precipitation of
nano-sized VC particles, as shown in Fig. 9b and c. It has
been confirmed that the observation under a diffraction
condition of g* = 200VC (//020a�Fe) also reveals nano-sized
precipitates in these samples. These results indicate that
such nano-sized alloy carbides were precipitated by aging
during long-time holding after bainite transformation.
Careful observations in TEM have found that many of
VC particles are precipitated on dislocations or lath bound-
aries that act as preferential nucleation sites in the bainitic
ferrite structure, but VC particles precipitated within bain-
itic ferrite matrix are also observed quite often. The average
diameter of VC particles was determined to be 3.2 nm in the
3 h holding, and was slightly coarsened to 5.0 nm by the
48 h holding.

3.3. Mechanical properties

3.3.1. Vickers hardness
To understand the relationship between precipitation

behavior observed above and the strength of the samples,
macroscopic hardness was measured by a Vickers hardness
tester for the samples transformed at 690 �C and 600 �C.
The hardness is plotted as a function of holding period in
90 �C for different holding periods: (a) 300 s, (b) 3 h and (c) 48 h. The



Fig. 7. Optical microstructures of the samples isothermally transformed at 600oC for different holding periods: (a) 20 s, (b) 60 s, (c) 300 s, (d) 3 h, (e)
10 h and (f) 48 h.

Fig. 8. Bright field TEM image of the sample isothermally trans-
formed at 600 �C for 300 s. (a) Low-magnification image, showing a
mixture of bainite and martensite. (b) High-magnification image,
showing a lath-shaped bainitic ferrite structure with a high density of
dislocations.
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Fig. 10. The small asterisk indicates that the sample is par-
tially transformed, i.e. containing some amount of martens-
ite. The hardness of the as-quenched sample was
determined to be 370 HV, in good agreement with the
hardness of martensite containing 0.1 mass% C [25]. In
the case of transformation at 690 �C, 300 s holding led to
completion of ferrite transformation (see Fig. 2c). The
hardness of this sample is determined to be 280 HV. After
the holding for 300 s, the hardness of the samples gradually
decreases with increasing the holding period. This result
suggests that most of the supersaturated carbon and vana-
dium atoms in austenite phases have been precipitated as
VC particles during interphase precipitation. In other
words, the precipitation behavior after the interphase pre-
cipitation is already in the over-aged stage. On the other
hand, in the case of bainite transformation at 600oC, the
hardness shows almost constant until the holding for
30 min (1.8 ks), but it starts to increase with the holding
period from 1 h (3.6 ks) to 10 h (36 s), followed by a slight
decrease in the holding for 24 h (86.4 ks) and 48 h
(172.8 ks). This observation is in good agreement with the
precipitation behavior shown in Fig. 9. Namely, the
increase in hardness is due to the precipitation of VC par-
ticles, so-called secondary hardening. On the other hand,
the slight decrease in the hardness by long-time holding
suggests that precipitation behavior is in the over-aging
stage. The almost constant hardness observed in the early
stage until the 30 min holding could be the simultaneous
effect of the decrease in strength by the decrease in the vol-
ume fraction of martensite and the increase in strength by
VC precipitation in bainite.

3.3.2. Stress–strain behavior
Uniaxial tensile tests at room temperature were carried

out to understand the effect of nano-sized alloy carbides
on strength and ductility of the samples. Fig. 11a and b
shows representative nominal stress–strain curves for sam-
ples transformed at 690 �C and 600 �C, respectively, for dif-
ferent holding periods. From these stress–strain curves,
0.2% proof stress (or yield stress) (r0.2), ultimate tensile
strength (UTS) (rUTS), uniform elongation (eunifom) and
total elongation (etotal) were determined and plotted in
Fig. 12.

Stress–strain curves of 690 �C-transformed samples,
which have single phase ferrite structures with nano-sized



Fig. 9. Dark field TEM images of the samples isothermally transformed at 600 �C for different holding periods: (a) 300 s, (b) 3 h and (c) 48 h. The
images were taken under a diffraction condition of g* = 200VC.
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carbides, are shown in Fig. 11a. In the ferrite sample with the
VC diameter of 4.5 nm, transformed at 690 �C for 300 s, the
yield stress is high (640 MPa), but gradual work hardening
takes place after yielding, leading to a UTS of 830 MPa.
Both uniform and total elongations are relatively large: uni-
form elongation of 10% and total elongation of 20%. As the
holding period increases, i.e. the carbide size becomes larger,
the strength gradually decreases (Fig. 12a), in good agree-
ment with the change in the hardness in Fig. 10. It is interest-
ing to note that both uniform and total elongation do not
change so much with respect to the holding period
(Fig. 12b). A similar tendency has also been observed in
Ti,Mo-added low carbon steels composed of ferrite single
phase structures with nano-sized alloy carbides [22]. This
indicates that interphase precipitated samples with a smaller
VC size show higher strength while keeping sufficient
elongation.

A general tendency of stress–strain curves in 600 �C-
transformed samples dominated by bainite structures in
Fig. 11b is quite similar to that in ferrite single phase samples.
In all cases, the yield stress is very high but work hardening is
relatively small. However, the change in strength with
increasing the holding period is different from the ferrite
samples. The yield stress is quite high, even in a sample with
no precipitate, definitely due to a high density of disloca-
tions, high-angle boundaries (so-called block boundaries
[26]) and low-angle lath boundaries. The strength increases
first by 3 h holding and then decreases by 48 h holding
Fig. 10. Vickers hardness of the samples isothermally transformed at
690 �C and 600 �C for different holding periods.
(Fig. .12a), corresponding well with the result of hardness
in Fig. 10. The increase in strength should mainly be due to
the precipitation of VC particles, and the decrease in the later
stage would correspond with the coarsening of VC particles,
as was mentioned above. It should be emphasized that the
elongation in ferrite and bainite samples is quite large, as
high as 10% in uniform elongation and 20% in total elonga-
tion, almost identical and constant, independent of transfor-
mation temperature as well as holding period.
4. Discussion

4.1. Characteristics of stress–strain curves in ferrite and
bainite samples with nano-precipitates

The above results demonstrate that both ferrite and
bainite samples with nano-precipitates reveal qualitatively
Fig. 11. Nominal stress–strain curves of the samples isothermally
transformed at 690 �C and 600 �C for different holding periods. The
average diameter of vanadium carbides is indicated in the figure.



Fig. 13. Comparison of stress–strain curves between ferrite and bainite
samples with a similar diameter of VC particles.

Fig. 12. Strength and ductility of the samples isothermally trans-
formed at 690 �C and 600 �C for different holding periods. 0.2% proof
stress (r0.2) and UTS (rUTS) are plotted in (a), and uniform elongation
(euniform) and total elongation (etotal) are plotted in (b).
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similar characteristics in stress–strain curves, i.e. accompa-
nied by high strength, relatively low work hardening and
large ductility (Fig. 11). However, the yield stress and UTS
varied depending on the matrix structure as well as
precipitation structure (Fig. 12). In this section, the effect
of matrix structure on the mechanical properties is first
discussed, by carefully comparing two selected curves
from ferrite and bainite samples with a similar size of VC
particles.

Fig. 13 indicates the comparison of stress–strain curves
between ferrite and bainite samples with almost identical
VC particle diameter. The ferrite curve corresponds to the
sample transformed at 690 �C for 300 s, while the bainite
curve corresponds to the sample transformed at 600 �C
for 10 h. The diameter of VC particles is 4.5 nm in the fer-
rite sample and 4.2 nm in the bainite sample. It is seen that
the yield stress of the bainite sample (�740 MPa) is much
higher than that of the ferrite sample (�630 MPa). How-
ever, there is no significant difference in the flow stress at
a strain of 5% and above. For instance, the UTS in both
samples is similar; 830 MPa and 850 MPa in the ferrite
and bainite samples, respectively. This result implies that
the work hardening after the macroscopic yielding occurs
more significantly in the ferrite sample than in the bainite
sample, but that the flow stress in the later stage of tensile
deformation becomes identical. Another interesting finding
is that both uniform and total elongations are almost
identical, independent of the ferrite matrix structure, even
independent of the diameter of VC particles (see Fig. 12b).

Such similarities and differences in the stress–strain
behavior between ferrite and bainite samples should be
due to the precipitation behavior of VC particles in the
structures, as has been observed, but other structural fac-
tors in the ferrite matrix, such as dislocations and grain
boundaries, also have to be taken into account to under-
stand the mechanical behavior. In the following, correla-
tion between microstructures and mechanical properties is
discussed in detail, in particular focusing on the effect of
nano-sized alloy carbides and ferrite matrix structure on
yield stress, work hardening and ductility.

4.2. Strengthening mechanisms

The strengthening mechanisms of ferrite and bainite
samples with nano-sized carbides are first discussed. To
understand the correlation between microstructures and
yield stress, the structure-based strength calculation model
is used to estimate the theoretical strength. It is assumed
here that yield stress (r0.2) of the samples can be given by
a simple sum of strengthening contribution from individual
crystal defects that act as obstacles for dislocation slip in
the following equation:

r0:2 ¼ r0 þ rss þ rgb þ rdis þ rppt ðMPaÞ ð3Þ
where r0 is friction stress of single crystal pure iron
(=53.9 MPa [27]), rss, rgb, rdis and rppt are contributions
from solid solution strengthening, grain boundary strength-
ening, dislocation strengthening and precipitation strength-
ening, respectively. For both ferrite and bainite samples,
fully-transformed samples were only considered for analy-
sis, and a small fraction of pearlite structures is assumed
not to affect the strength of materials. To calculate each
strengthening contributions, several assumptions are taken
into account as described in detail below.

4.2.1. Solid solution strengthening
For ferrite samples, it can be considered that solute car-

bon atoms in the ferrite matrix are negligibly small, if it is
assumed that carbon atoms are almost precipitated as VC
particles. In addition, for bainite samples it has been seen
in Figs. 10 and 12a that the strength reached the maximum
in the holding for 3 h, followed by a slight decrease in 48 h
holding. This indicates, as mentioned before, that the
precipitation behavior is in the over-aging state, and that
solute carbon content in the bainite matrix is also negligi-
ble. Therefore, solid solution strengthening rss in this
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calculation can be obtained by considering only the effect of
Si and Mn atoms, using a regression equation proposed by
Pickering [27]:

rss ¼ 83:2� ðmass%SiÞ þ 32:3� ðmass%MnÞ ðMPaÞ ð4Þ
Since the chemical compositions of Si and Mn in the

V-added steel are 0.22 mass% and 0.83 mass%, respectively,
rss is estimated to be 45.1 MPa.

4.2.2. Grain boundary strengthening
Grain boundary strengthening rgb is calculated from an

experimentally-determined Hall–Petch equation for an
ultralow carbon interstitial free (IF) steel [22]. Some previ-
ous studies [28–30] have reported that even low-angle dislo-
cation boundaries with misorientation angles of 2–5o and
above may act as conventional grain boundaries and con-
tribute to strength based on the Hall Petch strengthening.
Therefore, in this paper, boundaries with misorientation
angles of 2� and above are taken into account as grain
boundary strengthening. The grain boundary strengthening
is given by

rgb ¼ 210d�1=2

h>2
� ðMPaÞ ð5Þ

where dh>2
� (lm) is the average spacing of boundaries

above 2� determined by the intercept method with random
test lines in the EBSD analysis.

4.2.3. Dislocation strengthening
For dislocation strengthening calculation, the Bailey–

Hirsch relationship [31] is used:

rdis ¼ MaGb
ffiffiffiffiffiffiffiffiffi
qtotal
p ðMPaÞ ð6Þ

where M is the Taylor factor (=2.75 for random textured
bcc metals [32]), a is a constant (=0.38 in bcc iron [33]),
G is the shear modulus (=81.6 GPa [34]), b is the Burgers
vector (=0.248 nm) and qtotal is the total dislocation den-
sity. It should also be noted that in bainite samples many
lath boundaries with very low misorientation angles are
present in the structure, and these lath boundaries are con-
sidered to be an array of dislocations. In this calculation,
dislocations in the low-angle lath boundaries are assumed
to act as dislocation strengthening. The total dislocation
density qtotal is equal to the sum of dislocation density
between the lath boundaries q0 and in the lath boundaries
with misorientation angles below 2� qh<2�. The dislocation
strengthening can therefore be expressed as

rdis ¼ MaGb
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
q0 þ qh<2

�
p

ðMPaÞ ð7Þ

The dislocation density between the lath boundaries q0

was determined by TEM observations. The following equa-
tion [28] was used to determine the dislocation density in
the lath boundaries qh<2�:

qh<2
� ¼

1:5Sv;h<2
� have;h<2

�

b
ðm�2Þ ð8Þ

where Sv,h<2� and have,h<2� are the surface area and the aver-
age misorientation angle of low-angle boundaries below 2�,
respectively. In this calculation, boundaries with misorien-
tation angles below 2� are assumed to be lath boundaries,
so that Sv,h<2� can be given by:

Sv;h<2
� ¼ 1� f h>2

�
� �

Sv;total ðm�1Þ ð9Þ

where Sv,total is the surface area of all boundaries, and
fh>2
o is the fraction of boundaries above 2�. Note that Sv,total
is equal to 2/dall, and fh>2� can be assumed to be dall/dh>2�,
where dall is the average spacing of all boundaries deter-
mined by the TEM images, and dh>2� is the average spacing
of boundaries above 2� determined by the EBSD measure-
ment. Eq. (9) can therefore be expressed by:

Sv;h<2
� ¼ 2

dall
1� dall

dh>2
�

� �
ðm�1Þ ð10Þ

Substituting Eq. (10) into Eq. (8), the dislocation density
in the lath boundaries is given by:

qh<2
� ¼ 3

bdall
1� dall

dh>2
�

� �
� have;h<2

� ðm�2Þ ð11Þ

Finally, the dislocation strengthening can be obtained
by:

rdis¼MaGb

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
q0þ

3

bdall
1� dall

dh>2
�

� �
�have;h<2

�

s
ðMPaÞ ð12Þ

In this study, the average misorientation angle of bound-
aries below 2� have,h<2� has not experimentally been mea-
sured but is assumed to be 1� for calculation.

4.2.4. Precipitation strengthening
The Orowan mechanism or the Ashby–Orowan mecha-

nism has often been used to explain the precipitation
strengthening by hard particles. Precipitation strengthening
by the Orowan and the Ashby–Orowan mechanisms are
given by Eq. (13) [35,36] and Eq. (14) [37,38], respectively:

rppt;Orowan ¼
0:8MGb

LVC
ðMPaÞ ð13Þ

rppt;Ashby�Orowan ¼
0:8MGb

2p
ffiffiffiffiffiffiffiffiffiffiffi
1� m
p

LVC

ln
x

2b

� �
ðMPaÞ ð14Þ

where m is the Poisson’s ratio (=0.293 in bcc iron [34]), LVC

is the average inter-particle spacing and x is the average
particle diameter on the slip planes. The conventional
Orowan precipitation strengthening in Eq. (13) has been
derived assuming that line energy of dislocation per length
is approximated as Gb2/2, while the Ashby–Orowan
precipitation strengthening in Eq. (14) has been derived
considering more precise line energies of bowed-out edge
or screw dislocations around the particle. LVC and x are
given by the following equations, assuming that particles
are randomly distributed in the matrix [39]:

LVC ¼
ffiffiffi
2

3

r ffiffiffi
p
f

r
� 2

� �
� rVC ðmÞ ð15Þ

x ¼ 2

ffiffiffi
2

3

r
� rVC ðmÞ ð16Þ

where rVC (=dVC/2) is the average radius and f is the vol-
ume fraction of VC particles. For the calculation, the aver-
age radius of VC particles determined by the TEM images
in Fig. 6 was used, and the volume fraction of VC particles
was obtained from the calculation in the Thermo-Calc soft-
ware, where the equilibrium volume fraction was deter-
mined to be 0.47% in the V-added steel. One may argue
that sheet spacing of interphase precipitation could
strongly affect the precipitation strengthening. This would
be true if the inter-particle spacing of nano-precipitates
on the precipitation sheets were much smaller than the



392 N. Kamikawa et al. / Acta Materialia 83 (2015) 383–396
sheet spacing. However, in the present case, for the ferrite
sample with the average VC diameter of 4.5 nm, the
inter-particle spacing of VC particles on a precipitation
sheet is estimated to be 22 nm, comparable to the sheet
spacing (20–30 nm, see Fig. 3). As the diameter of VC par-
ticles becomes larger, the inter-particle spacing of VC par-
ticles on the sheets becomes much larger. Therefore,
random distribution of VC particles should be a reasonable
assumption in the present analysis and discussion.

It should be noted from previous research [21,22,38] that
the conventional Orowan mechanism in Eq. (13) overesti-
mates the precipitation strengthening from nano-sized par-
ticles while the Ashby–Orowan mechanism in Eq. (14) can
reasonably explain the strengthening at least in the average
particle diameter range of 3–20 nm. Therefore, for nano-
sized VC particles in the present study the Ashby–Orowan
mechanism is assumed to operate dominantly for both fer-
rite and bainite structures.

Using the above proposed equations, strengthening
contributions are calculated based on the structural
parameters quantified by microstructural observations
and analysis. The obtained structural parameters are listed
in Table 1. Assuming that Eq. (3) is valid, theoretical
yield stress r0.2,cal is calculated and compared with the
experimentally-obtained yield stress r0.2,exp in Fig. 14.
Each strengthening contribution is listed in Table 2. It is
seen in the ferrite samples that the calculated yield stress
shows a relatively good agreement with the experiments
(Fig. 14a), corresponding well with the previous works
[21,22,38].

On the other hand, the calculated yield stress for the bai-
nite samples is much higher than the experiment (Fig. 14b).
In particular, strengthening contributions from dislocations
and precipitates seem to be over-estimated significantly. It
should be noted here that the bainite samples have a high
density of both dislocations and nano-sized vanadium car-
bides. The total dislocation density in the bainite samples
has been determined to be 1.5–1.8 � 1014 m�2, correspond-
ing to an average dislocation spacing of �70–80 nm if the
average spacing is assumed equal to qdis

�1/2 (see Table 1).
On the other hand, the average inter-particle spacing of
vanadium carbides is �30–50 nm in these samples (see
Table 1). Therefore, both dislocations and nano-sized
carbides are narrowly distributed each other. The overesti-
mation in strength calculation for bainite samples indicates
that strengthening contributions from dislocations and
Table 1. Structural parameters of the samples transformed at 690 �C or 600

Sample dh>2deg dall q0 qh<2d

lm lm m�2 m�2

Transformed at 690 �C (Ferrite)

300 s 29 – 2.7 � 1013 –
3 h 29* – 8.0 � 1013 –

10 h 29* – 5.6 � 1013 –
48 h 29 – 5.3 � 1013 –

Transformed at 600 �C (Bainite)

3 h 5 2.9 1.5 � 1014 3.1 �
10 h 5* 2.8 1.6 � 1014 3.2 �
48 h 5* 2.9 1.2 � 1014 3.0 �

* The EBSD measurements have not yet been carried out for the samples w
misorientation angle above 2� were not experimentally obtained. In this calc
ferrite and bainite samples, respectively, assuming that no significant boun
precipitates cannot simply be additive in such a situation
where the spacing of dislocations and precipitates is very
small. In that case, an alternative equation has been pro-
posed to calculate the strength [40,41], i.e. by the square
root of the sum of squares of strengthening contributions
from dislocations and precipitates:

rdisþppt ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
r2

dis þ r2
ppt

q
ðMPaÞ ð17Þ

This equation has been derived by taking account of the
effective spacing of dislocations and precipitates, both of
which act as short-range obstacles against moving disloca-
tions. The total strength can therefore be obtained as

r0:2 ¼ r0 þ rss þ rgb þ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
r2

dis þ r2
ppt

q
ðMPaÞ ð18Þ

The calculated strength using Eq. (18) is shown in
Table 2 and Fig. 15b, where very good agreement has been
obtained between the experiments and calculation for the
bainite steels. The calculation by Eq. (18) has also been
applied for the ferrite samples in Fig. 15a. In the ferrite
samples, the calculated strength by Eq. (18) is also in good
agreement with the experiments, as for the calculation by
Eq. (3).

The above analysis can lead to the following conclusions.
Precipitation strengthening from nano-sized alloy carbides
is explained by the Ashby–Orowan mechanism, at least in
the average particle diameter of 3 nm and larger, in both fer-
rite and bainite samples. To understand the experimentally-
measured yield stress, solid solution strengthening and grain
boundary strengthening can simply be additive, but contri-
butions from dislocations and precipitates have to be aver-
aged by the square root of the sum of squares of two
contributions, no matter whether the ferrite matrices are
polygonal ferrites with few dislocations or lath-shaped bain-
itic ferrites with a high density of dislocations. The reason
why calculated strength from both Eqs. (3) and (18) shows
a relatively good agreement with the experiments in the fer-
rite samples would be the fact that strengthening contribu-
tion from precipitates is quite large compared with that
from dislocations. This is mathematically reasonable, sinceffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

r2
dis þ r2

ppt

q
becomes closer to rdis + rppt when rppt is much

larger than rdis. If you consider the physical meaning of how
both dislocations and precipitates affect dislocation move-
ment, it should be more reasonable to use Eq. (18) for esti-
mating the strength of samples, instead of using Eq. (3).
�C for different holding periods.

eg qtotal Ldis dVC LVC

m�2 nm nm nm

2.7 � 1013 190 4.5 44
8.0 � 1013 110 6.5 63
5.6 � 1013 130 8.0 78
5.3 � 1013 140 13 130

1013 1.8 � 1014 74 3.2 32
1013 1.9 � 1014 72 4.2 41
1013 1.5 � 1014 81 5.0 53

ith the asterisk, and therefore the average spacing of boundaries with
ulation, the average spacing dh>2deg of 29 lm and 5 lm are used for the
dary migration took place during long-time holding.



Fig. 14. Comparison between the calculated and experimentally-
obtained yield stress. Contributions from solid solution strengthening,
grain boundary strengthening, dislocation strengthening and precipi-
tation strengthening were calculated using Eqs. (4), (5), (12) and (14),
and it is assumed that each contribution can simply be additive based
on Eq. (3).
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4.3. Effect of nano-precipitates and ferrite matrix structure
on tensile ductility

As was demonstrated in Figs. 11 and 12, both ferrite and
bainite samples showed quite similar behavior in elongation.
Namely, the uniform and total elongation is approximately
10% and 20%, respectively, independent of the ferrite matrix
structure as well as VC particle size. It is somewhat surpris-
ing since the ferrite matrix in the initial state is significantly
different between the ferrite and bainite samples: the ferrite
samples are composed of coarse equiaxed ferrite grains with
few interior dislocations, while the bainite samples are com-
posed of narrowly spaced bainitic lathes with a high density
Table 2. Experimentally-obtained and calculated strength of the samples tra

Sample sexp r0 rss rgb

MPa MPa MPa MPa

Transformed at 690 �C (Ferrite)

300 s 634 53.9 45.1 39
3 h 586 53.9 45.1 39

10 h 517 53.9 45.1 39
48 h 465 53.9 45.1 39

Transformed at 600 �C (Bainite)

3 h 728 53.9 45.1 94
10 h 739 53.9 45.1 94
48 h 694 53.9 45.1 94
of dislocations. In this section, work hardening behavior of
ferrite and bainite samples with nano-precipitates are dis-
cussed and correlated with ductility of the samples.

4.3.1. Work hardening rate
To understand the ductility of the samples, work hard-

ening rates are compared in Fig. 16 for almost fully trans-
formed samples with nano-precipitates. For the ferrite
samples (Fig. 16a), the work hardening rate in the early
stage of deformation is larger as the carbide size is smaller.
However, in the later stage of deformation, there is no big
difference in the work hardening rate regardless of the VC
size. It is seen that for all three curves, work hardening rate
starts to decrease gradually at a true strain of �0.02, and
the onset of plastic instability is retarded, leading to a rela-
tively large uniform elongation (�10%, see Fig. 12b). For
the bainite samples (Fig. 16b), no significant difference
can be observed between those three samples, which is
probably due to the fact that there is no big difference in
microstructural features, i.e. bainite block size, lath size,
dislocation density and VC particle size, between these sam-
ples (see Table 2). As for the ferrite samples, the decrease in
work hardening rate seems to be retarded in the later stage
of tensile deformation also in the bainite samples. In order
to directly see the difference in work hardening between fer-
rite and bainite samples, two selected samples of work
hardening rate are compared in Fig. 16c, where two curves
are from the same samples shown in Fig. 13, i.e. both sam-
ples have an identical diameter of VC particles of 4–5 nm.
It is seen that the work hardening rate in the ferrite sample
is higher than in the bainite sample in the early stage of ten-
sile strain, but the onset of plastic instability occurred at a
similar strain. It should also be noted that the flow stress at
the onset of plastic instability is almost the same. Such ten-
dencies are in good agreement with the observations in the
stress–strain curves in Fig. 13.

4.3.2. Dislocation structures
To further understand the observed work hardening

behavior of the samples, dislocation structures developed
during tensile tests were observed by TEM for some
selected samples. The samples were deformed in tension,
interrupted at different plastic strains, unloaded and sub-
jected for the TEM observations. For the ferrite samples,
the samples transformed at 690 �C for 300 s and for 48 h
were chosen, where the average diameter of VC particles
of these samples is 4.5 nm and 13 nm, respectively. For
the bainite sample, the sample transformed at 600oC for
10 h, with an average VC diameter of 4.2 nm, was chosen
to be observed. For comparison, results from an ultralow
carbon IF steel with an average ferrite grain size of 54 lm
nsformed at 690 �C or 600 �C for different holding periods.

rdis rppt r0.2,cal (Eq. 3) r0.2,cal (Eq. 18)
MPa MPa MPa MPa

110 385 632 538
189 315 642 506
159 280 577 460
154 200 492 390

285 445 923 722
293 397 882 686
260 350 803 629



Fig. 15. Comparison between the calculated and experimentally-
obtained yield stress. In this calculation, dislocation strengthening
and precipitation strengthening were first calculated using Eqs. (12)
and (14), and these two contributions were averaged using Eq. (17).

Fig. 16. True stress–strain curve and work hardening rate for the
ferrite and bainite samples. The holding period and average diameter
of vanadium carbides are also indicated in the figure.
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[22] are also demonstrated to emphasize the effect of nano-
sized carbides. Fig. 17a and b shows TEM images of the
ferrite sample with the carbide diameter of 4.5 nm and
the bainite sample with the carbide diameter of 4.2 nm after
1% tensile plastic strain, as examples. The dislocation struc-
ture after 1% tensile strain for the IF steel sample is also
indicated in Fig. 17c. For both ferrite and bainite samples
in Fig. 17a and b, dislocations are uniformly distributed
in the observed areas, although the IF steel sample shows
a quite inhomogeneous distribution of dislocations.
Dislocation density has been determined to be 1.9� 1014 m�2

in the ferrite sample and 2.7 � 1014 m�2 in the bainite
samples, respectively, i.e. the bainite sample has a higher
dislocation density than the ferrite sample after 1% strain.
Compared with these two samples, the dislocation density
in the IF steel sample (5.8 � 1013 m�2) is much lower.

The change in dislocation density is summarized as a
function of tensile strain in Fig. 18. The dislocation density
gradually increases with increasing the strain in the IF steel
sample. However, in the ferrite samples with nano-sized
carbides the density increases more rapidly than in the IF
steel. There is a tendency that the sample with a finer par-
ticle size leads to a more rapid increase in dislocation den-
sity during tensile test. These observations suggest that
nano-sized VC particles act as sites for dislocation multipli-
cations, and finer particles are more effective to multiply
dislocations. On the other hand, the bainite sample has a
higher dislocation density in the initial state, but an
increase in the dislocation density with applied strain
occurs very fast as well. It is interesting that the dislocation
density after 5% or �10% strain is identical between the fer-
rite (690 �C, 300 s) and bainite sample (600 �C, 10 h). How-
ever, it is also demonstrated that in these two samples an
increase in the dislocation density becomes slow in the later
stage of deformation, indicating that dynamic recovery
occurs significantly [22]. Similar tendency in dislocation
structure development has been observed in low carbon
steels with nano-sized (Ti,Mo)C particles [22,42].

4.3.3. Possible mechanisms of work hardening
From the above observations, the work hardening and

ductility of the samples are discussed in the following. If
tensile stress is applied to ferrite samples with nano-
precipitates, the nano-precipitates act as strong obstacles
for dislocation glide, leading to a very high yield stress, pre-
dominantly due to large precipitation strengthening by the
Ashby–Orowan mechanism, as discussed in Section 4.1.



Fig. 17. Dislocation structures after tensile strain of 1% for the ferrite and bainite samples with nano-sized carbides: (a) 690 �C 300 s (dVC = 4.5 nm)
and (b) 600 �C 10 h (dVC = 4.2 nm). The result of an IF steel with no VC particles is also indicated for comparison in (c).
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When dislocations pass through the nano-sized carbides,
moving dislocations may leave dislocation loops, so-called
Orowan loops, around the particles, as observed in the
Ti,Mo-added low carbon steels with nano-sized carbides
[22]. These dislocation loops would reduce an effective
inter-particle spacing or produce a large internal stress,
both of which may act as further strong obstacles for trail-
ing moving dislocations. In such a situation, dislocations
with secondary slip systems may easily be activated, or
cross slips of primary dislocations may also occur in further
plastic deformation. Interaction of such dislocations may
cause an enhanced dislocation multiplication in the begin-
ning of tensile deformation, as observed in Fig. 17. This
should be the reason why a larger work hardening rate is
observed when the diameter of VC particles is smaller in
the early stage of deformation (see Fig. 16a). These results
clearly suggest that nano-precipitates finely and uniformly
distributed in the ferrite matrix act as sources for disloca-
tion multiplication. On the other hand, since the density
of nano-sized carbides are very high, multiplied disloca-
tions in the vicinity of particles may easily interact and
annihilate each other. Therefore, dynamic recovery could
be enhanced in the later stage of deformation, in good
agreement with the fact that an increase in dislocation den-
sity becomes slower in the later stage of tensile test in the
690 �C–300 s sample (Fig. 18). Such enhanced dynamic
Fig. 18. Dislocation density during tensile test in the ferrite and bainite
samples with nano-sized vanadium carbides. The result for an IF steel
is also indicated for comparison.
recovery would suppress a rapid increase in the strength,
leading to a mild work hardening, and retard the onset of
plastic instability. This could be the reason why a relatively
large uniform elongation was obtained in the ferrite sam-
ples with nano-precipitates (Fig 11a).

In bainite steels, on the other hand, a high density of dis-
locations, in addition to nano-sized precipitates, should
have a significant contribution to an increase in yield stress
(see Table 1). When compared with the ferrite sample with
a similar diameter of VC particles (Fig. 13), the yield stress
is much larger than the ferrite sample, which can be
explained mainly by the difference in precipitation and dis-
location strengthening (Fig. 15). However, the work hard-
ening rate is lower in the bainite sample than in the
ferrite sample just after the yielding (Fig. 16c). This can
be understood as follows. Nano-precipitates in the bainite
samples may also act as a site for dislocation multiplica-
tion, as for the ferrite samples. However, in addition, the
bainite sample already has a much higher dislocation den-
sity than the ferrite sample in the initial state. Therefore,
dislocation annihilation may start to occur in the very early
stage of deformation in the bainite sample, while the ferrite
sample still has enough room for dislocations to multiply,
leading to a larger work hardening in the ferrite sample
than in the bainite sample. However, it is interesting to note
that the flow curves of these samples become almost
identical at �5% strain and above (Fig. 13). This result cor-
responds well with the observation in Fig. 18 that disloca-
tion density in the ferrite and bainite samples with the
average VC diameter of �5 nm is quite similar. In other
words, the flow stress of these samples can basically be
explained by the work hardening by dislocation multiplica-
tion during tensile testing.

Another interesting observation is that post-uniform
elongation is also relatively large; �10%, independent of
ferrite matrix structure as well as diameter of VC particles
(Figs. 11 and 12). This phenomenon could also be under-
stood in terms of enhanced dynamic recovery. If it is
assumed that enhanced dynamic recovery continues to
occur even after necking, dislocation accumulation and
stress concentration may be retarded, and therefore void
or crack formation would be suppressed. This can be one
of the explanations why the ferrite samples with nano-sized
carbides as well as the bainite samples show a quite large
post-uniform elongation. To verify the above hypothesis,
the formation and propagation of voids or cracks have to
be investigated in detail for nano-precipitated steels, which
will be our future work.
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5. Conclusions

In this work, stress–strain behavior of ferrite and bainite
samples with nano-precipitates was systematically investi-
gated using a V-added low carbon steel, and the effect of
nano-precipitation on yield stress, work hardening behavior
and ductility of the samples was discussed in detail. The
obtained results are summarized as follows.

(1) Ferrite samples with nano-sized vanadium carbides
were produced by interphase precipitation, while bai-
nite samples with vanadium carbide particles were
obtained by bainite transformation followed by aging.
The stress–strain behaviors were characterized by high
yield stress, relatively low work hardening and large
elongation, in both ferrite and bainite samples regard-
less of the ferrite matrices. In samples with an identical
diameter of VC particles, the yield stress of the ferrite
sample is lower than that of the bainite sample, but
the work hardening is larger in the ferrite sample than
in the bainite sample in the beginning of tensile defor-
mation, leading to a similar flow curve in the later stage
of deformation.

(2) Good agreement was obtained between the experimen-
tally-obtained yield stress and calculation in both ferrite
and bainite samples, where strengthening contributions
from solute atoms and grain boundaries are simply
additive, while dislocation strengthening and precipita-
tion strengthening are averaged by the square root of
the sum of squares of these two contributions.

(3) Nano-precipitates may act as sites for dislocation mul-
tiplication and may enhance work hardening in the
early stage of tensile deformation. On the other hand,
dynamic recovery may be accelerated in the later stage,
due to the interaction of multiplied dislocations. Such
enhanced dynamic recovery could be responsible for a
relatively large ductility in both ferrite and bainite
samples.
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